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Incorporation of suitable dopants in MgH2 is widely investigated as the way of improving hydrogen storage characteristics of
this material. The catalytic role of transition metal dopants on hydrogen desorption from MgH2 is very promising, but further
attention is required in order to optimize the experimentalmethods and design materials with desired properties. In this paper
we investigate the role of Ti, Fe, and Mn on the transport properties of hydrogen in MgH2, which are marked as limiting factor
in the effort to lower the hydrogen desorption temperature.Taking into account the lattice relaxation around the impurities, we
consider a number of different diffusion paths in the pure and doped system. Using PAW DFT calculations in combination with
the NEB method, we demonstrate that the diffusion of the mostrelevant positively charged hydrogen vacancy and negatively
charged interstitial hydrogen atom is locally hindered by the presence of the impurity atoms.

1 Introduction

MgH2 attracts a lot of attention as one of the most practical
solutions for on-board hydrogen storage, which is mainly due
to its high hydrogen capacity (gravimetric capacity 7.6wt.%,
volumetric capacity 110 g L−1) and low cost1. The main ob-
stacles for large scale applications remain the stability of the
hydride and its poor kinetic properties. The rate of hydro-
gen absorption and desorption in the material is relativelylow,
which can be traced back to the slow diffusion of hydrogen
into the rutile crystal lattice of MgH2 2. This, together with
the stability of the Mg-H bond, translates into a relativelyhigh
temperature of desorption of around 400◦C at ambient pres-
sure3.

Considering MgH2 as the prototype material for reverse hy-
drogen storage, ways of tailoring the desired hydrogen stor-
age properties have been proposed. The multi-step process of
hydrogen absorption in magnesium is characterized by slow
hydrogen sorption kinetics, and its mechanisms are widely
studied4–6. The present results point to the formation of a
MgH2layer as the main reason for low absorption rate, given
that this layer blocks hydrogen diffusion and further hydro-
gen uptake in the sample7. Improvements of the hydrogen
absorption/desorption kinetics is achieved through shortening
the path for hydrogen diffusion (nanostructures, thin films)
or by introducing suitable dopants which act as catalysts8,9.
Transition metal (TM) dopants have been considered good
candidates capable of influencing the kinetics of hydrogen ab-
sorption and desorption as well as the stability of MgH2

10.
They are usually incorporated by ball milling and serve as cen-
ters for hydride destabilization11. The catalytic activity of the
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TM for hydrogen desorption from MGH2 surface is shown to
be large12. In addition, TM doping shows beneficial effects
on the thermodynamical properties of small MgH2 clusters13.
Directly or indirectly, this is expected to lower the kinetic bar-
riers for hydrogen diffusion in the bulk14. However, some
puzzling observations remain, one of them being that upon
repeated hydrogen desorption/absorption (cycling) in doped
MgH2, the catalytic activity of TM dopants is often shown to
decline15. Ball-miling also introduces structural defects, re-
duces crystalline size and induces microstrain11, therefore en-
hancing the diffusion of hydrogen in various ways. First prin-
ciples calculations are widely used to separate the role of ball
milling 16 and TM dopants in MgH2, i.e., to address their ef-
fect on stability17,18, desorption of hydrogen from surface12,19

and diffusion in the bulk20.
The diffusion of hydrogen in rutile MgH2 was studied by

Tao et al.16. Hao et al.20 have found that some dopants can
shift the position of the intrinsic Fermi level, thereby altering
the population of charged hydrogen defects of interest for hy-
drogen desorption. Roy et al.21 have studied the influence of
Ti, Fe, Co and Ni in their interstitial and substitutional con-
figurations on the Fermi level shift and concluded that, in the
interstitial configuration, these metals enhance the concentra-
tion of hydrogen related defects, while in the substitutional
case, a shift of the Fermi energy is not expected. The impact
of these dopants is realized via the position of the donor or
acceptor levels in the band gap21.

However, as the concentration of dopants is increased, it
is important to take into account the direct influence of these
transition metals on the diffusion of relevant hydrogen de-
fects in their vicinity. Small migration barriers are determined
for migration of hydrogen-related defects in rutile MgH2

22,
while, to the best of our knowledge, the direct effect of transi-
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tion metals on these barriers was not studied. In this work we
investigate the diffusion of hydrogen in MgH2 doped with Ti,
Mn and Fe. Hydrogen diffusion in MgH2 is primarily caused
by motion of charged defects23; therefore we inspect not only
the motion of relevant neutral, but also the motion of charged
hydrogen vacancies (VH) and hydrogen interstitials (Hi) near
the dopant site. We find that the substitution of Ti, Mn, and
Fe for Mg in the rutile structure of MgH2 does not improve
the rates of diffusion of hydrogen related defects directly, i.e.,
the diffusion barriers of these defects in the immediate sur-
roundings of the impurities are generally higher than the ones
in pure MgH2. Our calculation shows that the studied tran-
sition metals tend to bind hydrogen rather strongly, and thus,
suppress its mobility.

2 Computational

Our computational approach is based on the density functional
theory (DFT)24 and the projector augmented-wave (PAW)
method, as implemented in the Vienna Ab initio Simulation
Package (VASP)25,26. We employed the PW91 generalized
gradient functional27.

MgH2 crystallizes in the rutile structure. As a starting point
in our calculations, we relaxed the pure MgH2 unit cell. The
pure structure was relaxed by fitting the total energy of MgH2

with cubic polynomials on a grid of (a, c) values. All inter-
nal degrees of freedom, in the pure and supercell calculations,
were relaxed to the nearest local minimum by using the BFGS
LineSeach implementation of the Atomic Simulation Environ-
ment (ASE) python interface28. The optimized lattice param-
eters, a=4.52̊A and c=3.02Å, are in good agreement with the
experimental values (4.51̊A and 2.99Å, respectively)29. The
internal parameter that defines the position of hydrogen in the
crystal structure was determined to be 0.304.

Starting from the relaxed MgH2 structure, we constructed a
71-atom 2x2x3 supercell in which one of the host Mg atoms
was replaced with the dopant. The reciprocal space was sam-
pled with a 4x4x4 k-points, using the tetrahedron method with
Blöchl corrections30. The calculations were spin polarized
with cut-off energy of 250 eV. The forces minimization cri-
terion was set to 0.02 eV/Å. We used a convergence criterion
of 1×10−4 eV as the energy difference between two consecu-
tive iterations.

For the calculations of the activation barriers for diffu-
sion, we used the climbing image nudged elastic band (NEB)
method31. Our NEB simulations were performed with 7 or
8 images interpolated along the diffusion paths and a spring
constant of 0.02 eV/̊A. During the simulation, the forces act-
ing on each of the atoms within the supercell were converged
to 0.03 eV/̊A. For the NEB, we used the MDMin optimization
algorithm as implemented in the ASE python code.
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Fig. 1 (Color online) Calculated average TM-H bond lengths in the
first coordination sphere around TiMg, MnMg and FeMg for different
charge states of the impurity. The horizontal line denotes the
average Mg-H bond length in the pure system.

3 Lattice relaxation

The hydrogen atoms around Mg in pure MgH2 are approxi-
mately arranged in an octahedral fashion. The first coordina-
tion shell of Mg is composed out of 6 H atoms divided into
two groups: two apical H atoms with Mg-H bonds of 1.94Å
and four equatorial H atoms with Mg-H bonds of 1.96Å (see
Fig. 3). Substitutional transition metals (TM) induce differ-
ent structural relaxations in MgH2. After metal replacement,
the structures were fully relaxed. Upon substitution and re-
gardless of charge state, we observe a shortening of almost all
TM-H bonds as compared to the Mg-H bonds in the pure sys-
tem. The resulting nearest neighbor TM-H distances for TiMg,
MnMg and FeMg, averaged over the first coordination shell, are
presented in Fig. 1.

The shortening of the TM-H bond lengths is most pro-
nounced around the substitutional iron ion. Our calculated
Fe-H distances compare well with those obtained in a Car-
Parinello Molecular Dynamics study of iron in MgH2 near the
MgH2-Mg interface32. We also found a good agreement be-
tween our calculated Fe-H and Ti-H distances and the ones
calculated by Paskaš Mamula et al.33.

The calculated lattice relaxation around Mn illustrates the
need of performing spin polarized calculations. Namely, the
lattice relaxation around Mn in its neutral state is markedly
different if the spin polarization is switched off, leadingto an
average Mg-H bond length of only 1.7̊A and a total energy
higher by 0.26 eV. In the correct, spin polarized case, Mn is in
its high spin state (S=5/2) and the lattice relaxation of theNN
H atoms gives significantly larger bond lengths (∼ 1.9Å).
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In general, the shorter bond lengths imply that the NN hy-
drogen atoms are attracted more strongly by the impurity,
which, in turn, indicates that the mobility of hydrogen might
be hindered with respect to the other parts of the crystal.

4 Defects formation energy

The formation energy of a defectx with charge stateq was
calculated using the following relation:

Eform(xq) = Etot(x
q) − Etot(bulk) −

∑

i

ni(µi − E
ref
i )+

q(Ev + Ef + Ec)

(1)

Here,Etot is the total energy of the supercell containing the
defect,Etot(bulk) is the total energy of the pure supercell,ni

is the number of atoms of typei added or removed from the
system,µi is the chemical potential of species of typei and
E

ref
i is the reference energy calculated as energy per atom

of the corresponding bulk elemental phases. For hydrogen,
Eref is calculated as one half of the total energy of hydrogen
molecule. As it can be seen from the formula given above,
Eform is a function of the Fermi level position,Ef , within
the band gap.Ef is referenced with respect to the top of the
valence bandEv, whereasEc is a correction factor that aligns
the electrostatic potential of the defect supercell with that of
the defect-free supercell.

For hydrogen desorption in MgH2, the system should be
modeled in the most relevant, hydrogen-poor conditions. In
that case,µMg=0. Given that the stability of MgH2 implies
∆HMgH2

=µMg+2µH , we also haveµH=1/2∆HMgH2
, where

∆HMgH2
is the formation enthalpy of MgH2. The calculated

MgH2 formation enthalpy is 0.67 eV, which compares rela-
tively well with the experimental value of 0.79 eV34.

The formation energy of intrinsic point defects in MgH2

under hydrogen-poor conditions is calculated to determinethe
position of the intrinsic Fermi level; the results are in agree-
ment with earlier report22. The intrinsic Fermi level, as deter-
mined from the charge neutrality of the lowest energy defects
(H vacancies), is 2.79 eV. Consequently, the formation energy
of V−

H and V+

H is 1.13 eV, while that of the neutral vacancy V0
H

is 1.10 eV. Given that the formation energies of VH in all three
charge states are close to each other, the concentration of these
defects is not expected to play an important role in the over-
all behavior. The activation energy for diffusion is, therefore,
the primary factor that determines the mobility of the vacancy.
The formation energies of H−i and H+

i are 1.35 and 1.86 eV,
respectively. In the following, we didn’t consider the neutral
interstitial hydrogen, H0i , because it is unstable (negative-U
center) with a relatively large formation energy of 2.73 eV.
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Fig. 2 (Color online) Formation energy of substitutional TM
defects in MgH2. The vertical dotted line represents the intrinsic
Fermi level.
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Fig. 3 (Color online) (a) Schematic representation of various
diffusion paths in MgH2: side view (left) and top view (right). (b)
Interstitial hydrogen atom in MgH2.

The energies of formation of substitutional Mn, Ti and Fe
are presented in Fig.2. It can be seen that all three impuri-
ties have positive-U character and we expect no shift of the
intrinsic Fermi level upon doping with these transition metals.
Since the TM impurities are stable in their neutral charge state,
in the following we are going to consider the kinetic properties
of intrinsic defects (H vacancies and interstitials) only with re-
spect to the TM atoms in their neutral charge state.

5 Diffusion activation energies in pure MgH2

Regarding the kinetic properties of MgH2 we first turn our
attention to diffusion of variously charged H-related defects
in the undoped system.

The activation energy for diffusion is calculated along sev-
eral different paths in the rutile crystal cell of MgH2, as de-
picted in Fig. 3. The path (1↔2) connects one of the four
equatorial hydrogen atoms with one of the two apical hydro-
gen atoms. The path (1↔4) connects two neighboring api-
cal H atoms. The path (2↔3) is parallel to the (1↔4) path
and connects two equatorial atoms. Along (1↔2) and (2↔3),
the hydrogen vacancy remains bonded to the same central Mg
atom (A) at all times, while along (1↔4), the bond is broken
and the defect is transferred to the neighboring Mg atom (B).
The path (3↔4) makes sense only when the central Mg atom
(A) is replaced with the impurity, in which case the bond be-
tween the defect and the dopant atom is also broken.

We have calculated two types of defects: hydrogen vacan-
cies VH in their neutral, 1+ and 1- charge states (V0

H, V+

H , and
V−

H ) and hydrogen interstitials Hi in their 1+ and 1- charge
states (H+i and H−i ). The diffusion of interstitial hydrogen
was considered along the channel in (0,0,1) direction (see Fig
3) but we also tried some of the directions parallel to the paths
described above. This is partly due to the fact that interstitial H
in some charge states (1+) builds a strong bond with the near-
est H atom (H molecule) and the tetrahedral interstitial site is
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Fig. 4 (Color online) Migration energy as a function of defect
coordinates for V+H diffusion in MgH2: left - along (1→2) in the
pure system; right - along the (1→4) path in the Fe doped MgH2.

unstable.
Our calculated diffusion barriers in the pure system are pre-

sented in Table 1. We found that the kinetic barrier for migra-
tion of hydrogen vacancy is the lowest for V+

H along (1↔2).
Thus, V+

H is also found to be the most mobile vacancy defect
in pure MgH2 with a diffusion barrier of 0.39 eV. This result
compares very well to the migration barriers for diffusion of
0.37 eV (Ref.35) and 0.38 eV (Ref.22). On average, V+H is the
most mobile vacancy defect along all of the investigated diffu-
sion paths. The diffusion barrier along (1↔4) is considerably
higher, which is not unexpected given the fact that the defect
is no longer attached to the original Mg atom.

Negatively charged interstitial hydrogen, H−

i , has a diffu-
sion barrier of 0.16 eV along the central channel in (0,0,1) di-
rection, which compares well to the barrier of 0.15 eV, as cal-
culated by Hao et al.35. H+

i , because of its tendency to make a
hydrogen molecule with the nearest hydrogen atom22, doesn’t
stay in the center of the interstitial channel and has somewhat
higher diffusion barrier of 0.29 eV. Interestingly, when H−

i is
brought closer to the nearest apical H atoms, we found a very
low diffusion barrier. In this configuration [(1↔4) in Table 1],
H−

i pushes the nearest apical H atom away from its original
position into the direction of the adjacent interstitial channel
and the resulting diffusion barrier is only 0.003 eV. This dis-
placing of the nearest hydrogen atom is similar to the one no-
ticed by Hao et al.20 when considering diffusion in MgH2 via
concerted motions of defects.

From Table 1 we see that on average, H−

i tends to have
smaller diffusion barriers than H+i and therefore it is the most
mobile interstitial defect in pure MgH2.

6 Diffusion activation energies in doped MgH2

While the diffusion barriers for VH in the pure system are
symmetric, the general feature of the diffusion barriers inthe
doped system is that they are asymmetric (Fig 4). That means
that the initial and final configuration for the majority of inves-
tigated paths have different energies. As a result, the diffusion
of VH is easier either while arriving at or while leaving the
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Table 1Calculated diffusion barriers (in eV) along different
diffusion paths in the vicinity of substitutional Ti, Mn, Fe and Mg
(pure MgH2). The numbers in parentheses represent the values in
the reverse direction in the cases where the diffusion paths are
asymmetric.

Defect Path Mg Ti Mn Fe

V+

H (1→2) 0.39 0.24(0.28) 0.33(0.35) 0.49(0.45)
V+

H (1→4) 0.78 0.50(1.08) 1.07(1.02) 0.38(0.99)
V+

H (2→3) 0.78 0.36 0.61 0.72
V+

H (3→4) 0.39 0.17(0.70) 0.95(0.85) 0.31(0.95)
V−

H (1→2) 1.12 0.54(0.56) 0.19(0.17) 0.07(0.20)
V−

H (1→4) 1.27 0.85(0.96) 1.31(1.22) 1.57(1.24)
V0

H (1→2) 0.75 0.48(0.46) 0.32(0.33) 0.15(0.19)
V0

H (1→4) 0.99 0.55(0.80) 1.34(1.05) 0.96(0.91)
H−

i (1→2) 0.22 0.28(0.30) 0.68(0.54) 0.6(0.43)
H−

i (1→4) 0.003 0.003 0.40 2.13
H−

i (0,0,1) 0.16 0.34 0.16 1.20
H+

i (0,0,1) 0.29 1.74 1.01 1.05

impurity.

Regardless of charge state, the hydrogen vacancy in almost
all investigated cases tends to have low diffusion barrier along
(1↔2) and (2↔3), i.e., when the diffusion is happening in the
first coordination shell around the TM atom. It means that
once the vacancy is bound to the dopant, its mobility is higher
than in the pure system. By contrast, VH, in most of the cases,
tends to have higher diffusion barrier at least in one direc-
tion (asymmetric diffusion) along the paths where the bond
with the TM atom is broken, e.g., either along (1→4) or along
(4→1).

When we consider the physically most relevant V+

H , we see
that, e.g., for titanium we have a markedly lower diffusion
barrier in (1→4) and (3→4) direction (0.50 and 0.17 eV, re-
spectively) as compared to the pure system (0.78 and 0.39 eV).
At the same time, the barriers are much higher in the opposite
[(4→1) and (4→3)] directions and their calculated values are
1.08 and 0.70 eV. Similar conclusion can be drawn for iron
too. Compared to pure MgH2, this translates into higher dif-
fusion barriers for hydrogen leaving the impurity, and lower
diffusion barriers for hydrogen arriving at the impurity. The
situation with manganese is somewhat different in the sense
that the diffusion barriers near Mn are higher in both direc-
tions. Thus, the calculated diffusion barriers suggest that Ti,
Fe and Mn serve as centers that locally slow down the diffu-
sion of the most mobile positively charged hydrogen vacancy.

The calculated diffusion barriers for the less mobile V−

H and
V0

H indicate that in some cases, the diffusion of these defects
along some of the paths (e.g., path (1↔4) for TiMg ) might
actually be improved, but their impact on the overall hydrogen

diffusion in MgH2 is probably small taking into consideration
their stability.

As indicated, in the pure system, negatively charged inter-
stitial hydrogen, H−i , moves along the center of the interstitial
channel (Fig. 3 (b)). The presence of the impurity atom dis-
rupts this movement and H−i is strongly attracted toward the
raw of atoms where the impurity is located. Except for diffu-
sion of H−

i beside Mn, which gives the same diffusion barrier
as in the pure MgH2, we found that the diffusion barriers close
to the other two impurities are higher. The diffusion barriers
are also much higher in all the other investigated directions
(Table 1). As for H+i , the positively charged interstitial hydro-
gen in the pure system tends to move by forming a bond with
the nearest hydrogen atoms. The TM impurities additionally
obstruct this movement and the diffusion barriers in the doped
systems are also higher.

The presence of some TM impurities (up to 5 at%) in some
specific local configurations has been shown to improve the
diffusion of hydrogen in MgH2 due to the shift in the position
of the intrinsic Fermi level16,21. Furthermore, for Ti and Fe it
was shown that such shifts can be expected only in the case
where metals occupy interstitial positions in the MgH2 lattice,
and not when substitution occurs21. The results presented in
this work are related to the effect of substitutional TM in the
MgH2 lattice, and therefore they provide a direct insight into
the isolated effect of local interaction between the TM and
hydrogen-related defects of interest for diffusion.

Our results could explain some puzzling experimental ob-
servations, such as that the positive effects of TM doping, pri-
marily related to lowering of hydrogen desorption tempera-
ture, were found to decline with cycling15 or increased con-
centration of TM dopants in MgH2 36. The calculated acti-
vation energies for the various diffusion paths close to the
TM impurity in MgH2 show that doping with Ti, Mn and Fe
could influence the overall hydrogen diffusion in a negative
way. With increased doping concentration, the transport prop-
erties of the hydrogen related defects close to the impuritysite
become more important. Therefore, our results suggest that
larger concentrations of these transition metals in the MgH2

crystal cell as well as synthesis methods that favor substitu-
tional TM implementation, should not be expected to improve
the hydrogen desorption properties of magnesium hydride.

7 Conclusions

In summary, we have reported on the effects of TM doping on
the microscopical processes of hydrogen diffusion in MgH2.
The investigated Ti, Mn and Fe dopants induce a sizable in-
ward relaxation of the hydrogen atoms in the nearest shells.In
parallel with this structural change, the diffusion of hydrogen
vacancies and interstitial H atoms close to the impurities is
significantly altered with respect to the undoped system. For
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the most mobile positively charged vacancy and negatively
charged interstitial hydrogen in MgH2, our calculations sug-
gest that Ti, Mn and Fe serve as centers that locally slow down
the diffusion of hydrogen. Our results suggest that the exper-
imental search for suitable ways of introducing TM dopants
should be such to avoid substitutional TM incorporation in
MgH2 (i.e., larger concentrations of transition metals in the
MgH2 crystal cell or synthesis methods that favor such TM
incorporation in the crystal cell). At the same time, the ob-
tained results might point to one of the reasons why the initial
beneficial effect of TM doping on the MgH2 desorption prop-
erties often declines upon cycling.

The results of this study suggest that the reason for the ex-
perimentally determined better hydrogen diffusion upon intro-
ducing TM additions in MgH2 should be looked for elsewhere,
and not in the nature of TM-H interaction. Some of the possi-
ble explanations remain the indirect impact of the dopants on
the Fermi level shift and the pure mechanical destabilization
of the rutile crystal structure by the dopants.
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